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4.4.2-1 Introduction

Economical and environmental concerns, i.e. improving efficiency and
reducing emissions, are the main driving force behind the ever increasing demand
for higher gas turbine engine inlet temperatures. Technology improvements in
cooling, materials and coatings are required to achieve higher inlet temperatures’.
Advances in the development of airfoil cooling designs have been achieved by
combining high convective cooling efficiencies with film cooling.

Material improvements have been dramatic during the past several decades. The
improvement in alloy composition and the development of directional and single
crystal casting technologies have allowed increased alloy operation temperatures,
and hence increased turbine inlet temperatures®. Improved high temperature
mechanical properties of alloys, however, have been made typically at the
expense of environmental resistance. This trend, combined with higher operating
temperatures, has resulted in environmental degradation of materials, deteriorating
the mechanical properties and shortening the service life of components®. The need
to protect alloys from environmental degradation motivated the development of
protective coatings. The idea to apply a layer with protective properties on the
surface of Ni-based superalloys was first practiced in the 1960s*. Two types of
protective coatings have been most widely used: diffusion aluminide coatings
based on B-NiAl phase and MCrAlY (M = Ni, Co, or NiCo) overlay coatings based
on a mixture of B-NiAl and y’-Ni,Al or y phases®.

As the temperature capability of Ni-based superalloys approaches their
intrinsic limit, further improvements in their temperature capability have become
increasingly difficult®. Therefore, during the past two decades, the emphasis in
gas turbine materials developments has shifted to thermal barrier coatings (TBC),
which are ceramic coatings with a very low thermal conductivity that reduce the
alloy surface temperature by insulating it from the hot gas. Current state-of-the-art
thermal barrier coatings comprise two layers: a diffusion aluminide or MCrAlY
bond coat and a low thermal conductivity partially stabilized zirconia (YSZ: 7 to 8
wt% Y,0,-ZrO,) top coat. Thermal barrier coatings were first successfully tested in
a research turbine engine in mid 70s. By the early 80s they entered revenue service
on the vane platforms of aircraft engines, and today they are flying in revenue
service on vane and blade surfaces’. Thermal barrier coatings are expected to play
an increasingly significant role in advanced gas turbine engines both in aero and
industrial applications in the future.

Major improvements in turbine inlet temperatures can be achieved by
replacing Ni-based superalloy hot section components with silicon-based ceramic
matrix composite (CMC) and silicon nitride (Si,N,) ceramics®. These materials
have superior high temperature mechanical properties, such as strength and creep
resistance, compared to Ni-based superalloys. They are also light and possess
excellent high temperature oxidation resistance in clean, dry air, due to the
formation of slow-growing, protective silica scale’. One major disadvantage of
these materials is the lack of environmental durability in combustion environments.
Water vapor, a combustion reaction product, reacts with the protective silica scale,
forming gaseous reaction products, such as Si(OH), '°. In high pressure, high gas
velocity combustion environments, this reaction results in rapid recession of these
materials. These materials also suffer from severe hot corrosion in environments
contaminated by molten salt!!.

A new class of coatings, environmental barrier coating (EBC), has been
developed in the 90s to protect Si-based ceramics and ceramic composites from
the degradation by water vapor'2. The current state-of-the-art environmental barrier
coating comprises three layers: a silicon bond coat, a mullite-based intermediate
coat, and a barium-strontium-aluminosilicate (1-xBaO-xSrO-Al,0,-2Si0,, 0 <x <
1) top coat!®*. CMC combustor liners coated with the current state of the art EBC
were retrofitted in a Solar Turbines’ industrial gas turbine engine and successfully
completed a 14,000 h field test in the late 90s'4.

This paper will discuss the status of current thermal barrier coatings and
environmental barrier coatings, with the focus on key factors affecting their
performance.



4.4.2-2a Coatings for Superalloy Components

Current thermal barrier coatings consist of two layers: a metallic bond coat and a ceramic top coat'®. The bond coat has two key
functions: It provides the bonding between the ceramic top coat and the superalloy substrate and protects the superalloy from the
environmental degradation. The key function of the ceramic top coat is to reduce the alloy surface temperature by insulating it from the
hot gas.

Current bond coats are diffusion aluminide coatings based on B-NiAl phase and MCrAlY (M = Ni, Co, or NiCo) coatings based
on a mixture of B-NiAl and y’-Ni Al or y phases'®. Bond coats oxidize upon thermal exposure, even in the presence of a ceramic top
coat, forming an oxide scale, known as TGO (thermally grown oxide). Current top coat is yttria-stabilized zirconia (YSZ: ZrO, doped
with 7~8 wt% Y,0,). YSZ has several important characteristics for a successful top coat'’. It has a high melting point, a low thermal
conductivity and a high thermal expansion coefficient and is thermodynamically stable in contact with alumina that grows on bond
coat. The ZrO,-7~8 wt% Y,0, composition also has good erosion resistance compared with other ceramics and good phase stability at
temperatures <1200°C.

The durability of thermal barrier coatings is governed by a sequence of crack nucleation, propagation and coalescence events along
the bond coat/TGO or top coat/TGO interfaces that accumulate prior to final failure by large scale buckling or edge lifting'®. Stresses in
TBC play an important role in crack nucleation. TBC stresses arise from two sources: stresses due to TGO growth and stresses due to
the coefficient of thermal expansion (CTE) mismatch between the various layers. Therefore, the bond coat must form the most protective
oxide scale possible which, in practice, means an alumina scale that is slow-growing, and adherent". The nature of stresses in TBC
is closely related to the surface roughness of bond coat. Both growth and CTE mismatch stresses are compressive on flat bond coat
surfaces®. The thermal mismatch stress (o) is given by,
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substrate
where a_and o, are coefficients of thermal expansion for the coating and the substrate, respectively, E_ is the Young’s modulus of
the coating, and v_ is the Possion’s ratio of the coating. Therefore, YSZ having a lower CTE than the bond coat and superalloy substrate
is expected to be in compression on cooling, assuming stresses are relaxed at high temperatures. However, the surface of an initially
flat bond coat gradually roughens with thermal exposures, forming TGO with a convoluted morphology and major imperfections?..
Rough bond coat surfaces produce out-of-plane stresses along the bond coat/TGO or top coat/TGO interfaces??. These local out-of-plane
stresses are responsible for the nucleation of cracks which ultimately lead to the failure of TBC.

There are two degradation mechanisms for YSZ that have significant effects on TBC stresses: Phase transformation® and sintering
of YSZ*. These changes result in higher thermal stresses and a decrease in thermal fatigue life. Sintering also causes an increase in
thermal conductivity. Two approaches have been investigated to alleviate the high-temperature durability problems of YSZ?: the first
approach is alternative stabilizers for ZrO, and the second approach is alternative materials to ZrO,.

Key factors affecting TBC performance to be discussed in subsequent sections are bond coat surface finish, bond coat oxidation,
bond coat surface imperfections, thermal conductivity of YSZ, sintering of YSZ, and phase transformation of YSZ.

4.4.2-2b Bond Coat

Processing

Pack cementation and chemical vapor deposition are widely used methods to form diffusion aluminide coatings on turbine blades.
Pack cementation is a chemical vapor deposition process in which component surface is saturated with aluminum in a powder mixture
containing aluminum, aluminum oxide (as an inert filler) and a halide activator (usually NH,CI)*. When the reactor containing the
components to be coated and the powder mixture is heated, aluminum halides (AICL,, AICI, AICI) form which diffuse through the
powder mixture and react with the components, resulting in the formation of an aluminide coating. In practice, platinum is added in
B-NiAl bond coat to form platinum modified diffusion aluminide coating, (Ni,Pt)Al, which significantly improves the alumina scale
adherence?’. In this process, components are electroplated with a thin Pt layer prior to the aluminization.

The aluminizing process can be divided into a high, medium, and low activity process®. The main phases of the outer zone of the
coatings in high, medium, and low activity process are NiAl,+Ni,Al, (>40 wt.% Al), NiAl (32-38 wt.% Al) and NiAl or NiAI+Ni,Al
(<31 wt.% Al), respectively?””. Lower activity process produces coatings with higher ductility. A typical as-aluminized (Ni,Pt)Al bond
coat surface exhibits large grains of Pt-modified B-NiAl with a cellular network of grain-boundary ridges, whose geometry is very
similar to that of underlying bond coat grain boundary structure®.

Low Pressure Plasma Spaying (LPPS) and Electron Beam Physical Vapor Deposition (EB-PVD) are widely used methods to deposit
overlay MCrAlY bond coat on turbine components®!. NiCrAlY bond coat consists of the following main phases: y-Ni-based solid
solution, y’-Ni Al phase, B-NiAl phase, and a-Cr-based solid solution®. Alloying NiCrAlY with Co reduces the thermal stability of
v’-phase, decreases its quantity, and converts NiCoCrAlY into B+y*. It is this phase condition that makes NiCoCrAlY bond coat highly
ductile. For Example, EB-PVD-processed Ni-20C0-20Cr-8Al-0.5Y (wt%) has Al-rich B phase and Ni-solid solution y phase®*.
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Surface Finish

Bond coat surface finish depends on the type of process employed for ceramic top coat. Air plasma sprayed (APS) YSZ top coat
employs a MCrAlY bond coat processed typically by low pressure plasma spraying (LPPS). Rough surface of as-processed MCrAlY
bond coat facilitates good mechanical bonding to plasma-sprayed YSZ by providing anchoring points. EB-PVD Y SZ top coat employs
either a diffusion aluminide or a MCrAlY bond coat. In contrast to APS YSZ, the bond coat surface is treated to make it flat prior to the
deposition of EB-PVD YSZ. This is to eliminate as-processed surface roughness which generates out-of-plane stresses. It may be that
EB-PVD YSZ due to the nature of the process, i.e. vapor phase deposition in high temperature and vacuum, possesses good chemical
bonding, eliminating the need for a rough surface for mechanical bonding. Typical surface treatment includes grit blasting, grinding, and
shot peening.

Beneficial effects of grit blasting the bond coat surface with ALLO, on TBC performance are discussed in Haynes, et al.**. The
intensity of 0-Al,0, was much lower on grit-blasted specimens compared to the as-processed bond coat surfaces. Grit blasting also
eliminated the detrimental process of interfacial void growth during EB-PVD processing. It was suggested that grit blasting either
suppressed 0-Al,O, nucleation or triggered more rapid transformation to or nucleation of a-Al,O, during EB-PVD process at ~1000°C.
The elimination of void growth in the grit-blasted specimens was attributed to the removal of sulfur-contaminated zone at the surface
of the bond coat. Lightly polishing the surface of as-deposited (Ni,Pt)Al bond coats prior to YSZ deposition also dramatically increased
EB-PVD TBC life*, presumably by the same mechanism by which grit blasting improved the TBC life.

Oxidation

The approach to achieving an ‘ideal’ a-alumina scale
includes the addition of reactive element (RE), such as Y,
Zr or Hf, the addition of precious metals such as Pt, and the
desulfurization of the coating and superalloy substrate®’.

The addition of Pt to B-NiAl is known to improve
alumina scale adhesion®®. The Pt addition has the additional
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by more than a factor of five at both 1150 and 1200°C*!. The Fig. 1. Isothermal weight gains at 1200°C plotted versus the
improvement was attributed to the formation of an adherent square root of time to show the parabolic reaction kinetics
TGO on B-NiAl+Zr which was superior to that formed on (Reprinted with permission of Elsevian, Copyright 1998)
(Ni,Pt)Al-coated Rene N5.

Sulfur is known to segregate to metal/scale interface,
causing the deterioration of the scale adhesion by forming voids at the metal/scale interface*?. Interfacial voids degrade the scale adhesion
by limiting the contact between the metal and the scale and also by acting as a stress concentrator or crack initiator*. Consequently,
lowering the level of S below ~1 ppm significantly improves the scale adhesion*. The beneficial effect of reactive elements (RE) in
improving the scale adhesion has been attributed to the segregation of RE at the metal/scale interface which inhibits the interfacial
segregation of sulfur impurity*. They also segregate to the oxide grain boundaries where they significantly reduce the outward transport
of Al, thereby reducing the rate of oxide growth which is now mostly by oxygen transport*. The change in predominant growth
mechanism also drastically reduces interfacial void formation since the flux of cation vacancies is reduced”. In practice, Hf is most
effective in improving the oxidation resistance of B-NiAl and yet it does not have the same strong effect in superalloys or MCrAlY, in
which Y is more effective®. Pt appears to improve the resistance to scale spallation through the inhibition of interfacial void formation®.
It has been suggested that Pt either inhibits S segregation or changes diffusivities in the substrate which, in turn, inhibits the interfacial
void formation®.

The composition of the substrate also appears to affect the performance of the TBC even when covered by a bond coat. Cyclic
oxidation of (Ni,Pt)Al/'YSZ TBC on Rene N5 at 1150°C showed that both desulfurizing (to 0.7 ppma S) of Rene N5 and the addition of
Y in Rene N5 increased the TBC life time®!. S and Y, presumably, diffuse through the bond coat and affect the scale adhesion. Haynes
et al. reported a similar trend of slightly longer TBC life on a desulfurized Re N5 (to 0.9 ppma S), however, Y in Re N5 did not improve

the TBC life*.
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4.4.2 Protective Coatings for Gas Turbines

There are two sources for the loss Al from the bond coat: the formation of alumina scale and the interdiffusion between the bond
coat and the substrate. In terms of bond coat life, the concern is that the Al content in bond coat will prematurely fall below the minimum
level required to avoid spinel formation. Equally important, however, is the effect of the influx of Al to the superalloy substrate on the
solubility of refractory elements used for strengthening, resulting in precipitation of embrittling phases®. Phase transformations due to
the Al loss from B-NiAl bond coat on Ni and Ni-16Cr-11AlI-Y bond coat on a superalloy substrate at 950°C are illustrated in Figures 2a
and 2b, respectively*.
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Fig. 2. Phase transformations in (a) B-NiAi bond coat on Ni and (b) Ni-16Cr-11Al-Y bond coat on a superalloy
substrate at 950°C (Reprinted with permission of ASM International®. All rights reserved. www.asminternational.org)

Source: See Note 3.

Surface Imperfections

The surface of an initially flat, single phase B-NiAl and (Ni,Pt)Al bond coat on a single crystal superalloy is shown to progressively
roughen with thermal exposures™. Roughening has also been observed during thermal cycling of MCrAlY coatings on Ni-based
superalloys®. The most prominent roughening comprises the undulations of the original TBC/bond coat interface’’. Adherent TGO
follows the roughness contour of the bond coat. The surface roughening is far more severe in cyclic exposures compared to isothermal
exposures’.

Phase transformations in bond coat have been suggested as a source for the formation of surface roughening known as ‘rumpling’*.
Two types of phase transformations occur in B-NiAl and (Ni,Pt)Al bond coat during thermal exposures: B to y’ phase and martensite
transformation of B phase. The B to y’ phase transformation is due to the depletion of Al from the B phase®, while the martensite
transformation is non-diffusional and shear-dominated transformation®'. Similar phase transformations are expected to occur in MCrAlY
bond coat.

The martensite transformation was observed in bond coats thermally cycled at 1150°C to 5 and 100% of TBC life, suggesting that the
transformation accompanied the thermal cycling for most of the TBC life®2. The volume change for the  to martensite transformation
is approximately -2%%. Alloys with martensite + y” structure at room temperature undergo a reversible transformation to single phase
8 when heated to 1100°C *. Bond coat surface rumpling was attributed to the plastic deformation of bond coat caused by the repeated
volume changes accompanying the reversible 3 - martensite phase transformation during thermal cycling®.

Surface rumpling was also attributed to the volume reduction accompanying the 3 to y’ phase transformation®. The volume reduction
can be accommodated by the development of surface recession or by the formation of internal cavities. In the outer part of the bond coat
both Ni and Al diffuse toward the surface, therefore there should be a compensating vacancy flux in the opposite direction. The result
is expected to be either the formation of Kirkendall porosity or, if the pores collapse, a decrease of the coating volume. It is suggested
that the pores tend to collapse during cycling because of thermal stresses in the bond coat, whereas they coalesce into large cavities in
isothermal exposures.

Darzens et al. suggest that both the B to martensite and the P to y’ phase i T g T
transformations contribute to the bond coat and TGO roughness (instability). Interface Trace ¥ domain
Figure 3 is a trace of the bond coat/TGO interface at f = 0.76 (fraction of , /
life)®”. About 70% of the instabilities have the B-phase located at the base. M.—r
Moreover, there is a greater likelihood that B exists at the base of the most M‘— 1
prominent (deepest) instabilities. y’ is present on at least one side of instability T T '
with 75% probability, implying that this phase tends to locally impede the TGO
displacement. Based on these observations the following mechanism has been
suggested®’. The amplitude of the instability of the TGO has an isothermal
and cyclic components, but the latter is appreciably larger. The isothermal
component is believed to be associated with the stress caused by the f to v’ Fig. 3. A trace of the bond coat/TGO interface at f =
transformation. The influence of the transformation on the larger displacements  0.76 (fraction of life). The arrows designate the base
upon cycling appears to involve two effects: (a) the martensite transformation of all large TGO instabilities (Reprinted with permis-
in the B phase results in a volume reduction on cooling larger than in either the ~ sion of TMS. All rights reserved.)

v’ or the substrate; (b) y* has greater strength than the surrounding P at high
temperature, impeding the TGO displacement. Source: See Note 21. (Darzens, et al.) 422
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Other mechanisms suggested for bond coat imperfections include a thermal ‘ratcheting” phenomenon associated with the elastic/
plastic mismatch between the bond coat and the growing oxide®, pre-existing ridge on bond coat grain boundaries and preferential
intergranualr oxidation and cracking®, and Y,O,/YAG precipitate phases in MCrAlY bond coat with a columnar morphology acting as
preferred channels for rapid inward diffusion of oxygen, causing locally thick regions of TGO™.

Bond coat imperfections have important implications for TBC performance and failure. Bond coat imperfections cause TGO to
displace into the bond coat with each thermal cycle, forming concave regions’!. The stiffness of the ceramic top coat should constrain the
displacement of TGO into the ceramic top cot, preventing the formation of convex regions on the metal surface’™. The local separations
will gradually accumulate on thermal cycling, link together and eventually form the critical sized flaw required for TBC buckling’.

4.4.2-2c Top Coat

ZrO,-Based Ceramics
Processing

APS and EB-PVD are the most widely used methods to deposit YSZ top coat on turbine components. Figures 4a and 4b show as-
deposited APS and EB-PVD YSZ, respectively. In plasma spraying process, powders of coating material are melted and propelled to
the substrate. Upon impingement on the substrate the molten drops are quenched and solidified. A coating is produced by the successive
impingement of the drops, referred to as splats, on the substrate. In EB-PVD process, coatings are produced by condensation of vapor
on the substrate. A focused electron beam is used to evaporate the coating material. Multiple beams are employed to produce coatings
containing components with differing vapor pressures.

Fig. 4. As-deposited YSZ (7 wt.% Y203): (a) APS; (b) EB-PVD

Source: J.I. Eldridge, NASA Glenn Research Center, Cleveland, OH.

APS Y'SZ has splat structure with inter-splat porosity. Figure 5 is thermal spray coating microstructure showing common features’™.
Two prominent crack morphologies found within as-plasma-sprayed YSZ are”: (1) Elongated crack-like separations between flattened
splats that melted during the spray deposition. These are oriented nominally parallel to the interface. They form because of thermal
contraction as the splats cool; (2) Large, more equi-axed, voids contiguous with equi-axed zirconia particles. These are presumably the
particles that did not fully melt during the deposition. The separations between splats are efficient in lowering thermal conductivity, but
this is at the expense of surface finish, strain tolerance and erosion resistance’.

EB-PVD YSZ has a columnar microstructure, which imparts excellent strain tolerance’”’, and thus longer cyclic life than APS YSZ.
Figure 6 illustrates the dependence of the coating microstructure on the substrate temperature and the rotation speed’. Other advantages
of EB-PVD YSZ include aerodynamically favorable smooth surface finish and good erosion resistance’. But the columnar structure
with open porosity parallel to the direction of heat conduction results in a higher thermal conductivity compared to APS YSZ*.

423



4.4.2 Protective Coatings for Gas Turbines

s.;a.m =t M L

! 20 min”
inclusions particle TR ARV
Fig. 5. Thermal spray coating microstructure showing common Fig. 6. A schematic illustrating the dependence of the
features (Reprinted with permission of ASM International®. All coating microstructure on substrate temperature and
rights reserved. www.asminternational.org) rotation speed (Reprinted with permission of Trans

Tech Publications. All rights reserved)
Source: See Note 74.

Source: See Note 78.

Thermal Conductivity

In thermal barrier coatings, heat is conducted by lattice waves (phonons) as well as by electromagnetic radiation (photons). Lattice
waves are elastic or ultrasonic waves, but their spectrum extends to the very high frequencies, where their waves, A is of atomic
dimensions®!. There are two radiation sources in gas turbine engines: far-field radiation and near-field radiation®. Far-field radiation
is the radiation from the combustion gas, which is at high temperatures of around 2000°C. Near-field radiation is the radiation from
the layer of cooler gas, at around 1200°C, adjacent to the TBC. Radiation can pass through the partially transparent ceramic to the
metallic bond coat and substrate. The radiative component of the heat conduction can become a significant portion of the overall thermal
conductivity at elevated temperatures. The thermal conductivity by mobile carriers, whether waves or particles, can be expressed in
general in the form®,

k=1/3 Cvl 2

where C is the specific heat per unit volume, v is their speed and I is their mean free path. The thermal conductivity is limited by various
interaction processes, which transfer energy between the waves®. Based on models for thermal conductivity, a low intrinsic thermal
conductivity requires weak binding, a large mean atomic weight, a complex crystal structure, non-directional binding and a large number
of different atoms per molecule®.

Lattice imperfections reduce the thermal conductivity by scattering phonons and thereby reducing the mean free path®. Point
defects, such as solute cations and oxygen vacancies, reduce the lattice thermal conductivity by scattering high-frequency lattice waves,
while grain boundaries scatter lattice waves at the low-frequency part of the spectrum. Significant theoretical reductions in the thermal
conductivity of YSZ are expected due to grain boundary scattering when the grain sizes are reduced below 100 — 10 nm®’. These
reductions by point defects and grain boundaries are almost independent of each other, since they scatter lattice waves in different
frequency ranges.

The effect of yttria dopant level on the thermal conductivity of YSZ was investigated®®. Thermal conductivity decreased with
increasing yttria contents up to 4.5 - 8 mol%. The decrease in thermal conductivity was attributed to a reduced mean free path in zirconia
by an increasing phonon scattering, which was likely due to the combined effect of local elastic strain fields generated by incorporating a
larger dopant atoms and the introduction of oxygen vacancies into the lattice. The little improvement in the thermal conductivity beyond
4.5 — 8 mol% yttria level was attributed to vacancy clustering®.

The imperfections which scatter lattice waves have little influence on the radiative component. To reduce this component, one needs
larger imperfections, such as porosity and inclusions with almost a micron size®. Pores may be preferable, since they present a larger
contrast in the index of refraction. Calculations show that the optimum pore diameter is about 0.5 um for YSZ°'. An ideal structure for
low thermal conductivity has a very fine grain size of nanometer scale, while the matrix contains relatively large inclusions, of the order
of 0.5 pm in diameter®>.

Besides photon scattering, porosity decreases the thermal conductivity of a solid by reducing the net-section area through which
heat can be transported by phonons and so the reduction in thermal conductivity depends on not only the volume fraction of pores but
also their aspect ratio and their spatial distribution®®. Ideally, flat-pancake shaped pores perpendicular to the temperature gradient, as are
formed at splat-boundaries in plasma-sprayed coatings, are most efficient in decreasing the thermal conductivity® . The intra-columnar
fine porosity in EB-PVD YSZ accounts for the reduced thermal conductivity®. This is generally perceived to be much less effective as
its distribution generally aligns perpendicular to the coating surface, i.e. parallel to the direction of the primary heat flux®.
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Approaches to Reducing Thermal Conductivity

Alternative Dopants: Doping with ions heavier than yttrium can theoretically decrease the thermal conductivity by increasing the mean
atomic weight. Five dopant additions, Er, NiO, Nd, Gd and Yb, were examined with the aim of maximizing lattice strains and lattice
anharmonicity®’. The most effective additions by EB-PVD were Gd, Nd and Yb which resulted in a thermal conductivity of 0.88, 1.00 and
1.02 W/m-K, respectively, calculated for a 4 mol% addition at a coating thickness of 150 pm at 500°C. The thermal conductivity of EB-
PVD reference YSZ was ~1.6 W/m-K. Multi-component dopants, ZrO,-Y,0,-Nd,0,(Gd,0,, Sm,0,)-Yb,0,(Sc,0,), were investigated
using a laser rig at 1316°C surface temperature and 950 — 1100°C ceramic/metal interface temperature®®. The thermal conductivity of
APS YSZ (8 wt% or 4.55 mol% Y,0,) was about 1 W/m-K, which gradually increased to about 1.4 W/m-K after a 20-h test. In contrast,
some ZrO,-Y,0,-Nd,0,-Yb,0, or Zr0,-Y,0,-Gd,0,-Yb,0, showed thermal conductivity as low as ~0.6 W/m-K, which did not change
much after a 20-h test. The thermal conductivity and the rate of thermal conductivity increase were lowest at the total dopant level of
6-13 mol%. The thermal conductivity of EB-PVD ZrO,-(4-6 mol%)Y,0,-Nd,0,-Yb,0, was as low as 0.85 W/m-K, while the thermal
conductivity of EB-PVD YSZ (8 wt% Y,0,) was 1.85-1.9 W/m-K, after a 20-h test. It was proposed that the differing ionic sizes in the
solid solution produced distortion, which facilitated the creation of thermodynamically stable, defect clusters that reduced the thermal
conductivity and improved sintering resistance”.

Varying the coating nano-structure: For EB-PVD thermal barrier
coatings, the thermal conductivity has been observed to vary with
coating thickness'®. For the early stages of deposition (< 100 pm)
avalue of 0.8 — 1 W/m-K was reported; however, by the time the
coating was 250 um thick, the mean thermal conductivity was
between 1.5 — 1.9 W/m-K at room temperature. Figure 7 shows
a two-layer coating approximation consisting of an inner (100
pum) fine-structured zone, overcoated with a layer with thermal
conductivity close to bulk YSZ (2.2 W/m-K)!°!. Measurements
of the inner, fine-structured grain size gave a value of 3-4 um,
and within each grain was an ultrafine structure of nanometer
dimensions. Therefore, renucleation of the EB-PVD coating
growth at periodicities less than 100 pm would lower the thermal
conductivity'%2,

Reduction by layering: Layering offers a promising route to lower
the thermal conductivity of an EB-PVD YSZ, which involves the
introduction of interfaces/density changes parallel to the YSZ/
bond coat interface!®®. A glow discharge plasma was employed
to vary the density of YSZ during deposition. The layers were
produced by switching the d.c. bias applied to the substrate
between high and low levels during deposition. This has the effect
of periodically changing the degree of ion bombardment and thus

Thermal conductivity - Thermal conductivity .. -
M=10Wm-K .. (M=22Wm-K -~
Fig. 7. Schematic of a two-layer coating model, consisting

of low conductivity inner layer and a high conductivity outer
layer (Reprinted with permission of Trans Tech Publications.

altering the density of the layers produced. Thermal conductivity All rights reserved)
reduction of the order of 37 — 45% compared to state-of-the-art
EB-PVD YSZ has been measured for these layered structures, Source: See Note 101.

approaching the values of APS YSZ. The combination of layering
at micron dimensions and the introduction of density change
from layer to layer work in combination to reduce the thermal
conductivity. The layering periodicity is selected to significantly
reduce photon transport, while local changes in layer density act
to scatter phonons.

Sintering

Sintering leads to an increase in thermal conductivity and thermal stresses. The thermal conductivity of APS YSZ (8 wt.% Y,0,)
was investigated as a function of time and temperature using a laser rig'®. The thermal conductivity increased from 1.0 W/m-K to
1.15, 1.19, and 1.5 W/m-K after 30 h at the surface temperature of 990, 1100, and 1320°C, respectively. The increase was attributed to
sintering as was evidenced by the decrease in the microporosity. Sintering also increased the hardness and modulus, which increases
thermal stresses. The Knoop hardness on the coating surface increased from 4 GPa to 7.5 GPa and the surface modulus increased from
70 GPa to 125 GPa after 120 h at 1100°C.

EB-PVD coatings are more resistant to an increase in thermal conductivity compared to APS coatings. The effect of bond coat
surface imperfections on the sintering of EB-PVD YSZ/(Ni,Pt)Al-coated Rene N5 was investigated'®. On thermal exposure, necks
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form and clusters of individual columns sintered together to from large-scale dense regions with large gaps in between, resulting in a
‘mud-cracking’ pattern. The pattern of the gaps appeared to reproduce the roughness of the underlying bond-coat alloy. The origin of
the ‘mud-cracking’ pattern was attributed to the local undulations in the substrate surface, causing individual columns to converge and
narrowing the gap between them. It is thus expected that sintering will be more pronounced on the high-pressure side of blade and on
the leading edges than on the low-pressure sides because the surface curvature will tend to cant columns together on the high-pressure
side!'®. In practice, the high-pressure side of a blade also tends to be hotter, further likely to promote the sintering.

The influence of the concentration (4-20 mol%) of an alternative dopant Gd,O, on the sintering and grain growth of ZrO, solid
solutions was investigated'”’. The onset of measurable shrinkage for the ZrO,-4 mol% Y0, and ZrO,-4 mol% Gd,O, occurred at ~1100
and ~1175°C, respectively. The shrinkage at a given temperature increased as the Gd,O, content increased to 8 mol% but then decreased
for higher Gd,O, concentration. The grain size data showed a trend similar to the sintering data: the average grain size showed a
maximum at a Gd,O, concentration of 8 mol%. The slower thermal conductivity increase on thermal aging for ZrO, alloyed with multi-
component dopants Y,0,-Nd,0,(Gd,0,, Sm,0,)-Yb,0,(Sc,0,)'* was presumably due to reduced sintering. It appears that heavy rare
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earth oxide dopants are effective in reducing the sintering of ZrO, solid solutions.

Phase Transformation

The excellent phase stability of YSZ is due to the formation

(=

MOLE FRACTION OF PHASES

A
o
—
1
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MOLE PERCENT YTTRIA [N MONTRANSFORMABLE TETRAGONAL (T*)

of the metastable, nontransformable #* phase which is very stable
at temperatures below ~1200°C!®. The phase stability of plasma-
sprayed YSZ (8.6 mol% Y,0,) was examined by XRD"". The as-
sprayed YSZ was primarily a nontransformable tetragonal phase
("), having about the same composition as the starting powder. The
formation of the nontransformable tetragonal phase (¢’) is due to 0
the rapid quench in the process. Figure 8 shows the mole fraction of
phases versus temperature after 100-h aging!!!. Aging at 1200 and I
1400°C progressively increased the amounts of equilibrium cubic Lok i
(c) and transformable tetragonal (7) phases at the high temperature |
and this resulted in cubic (¢) and monoclinic () phases at room ~ -
temperature. The yttria content of the remaining #’ phase was lowered 0.80 } /
to ~ 5 mol% after 100 h at 1400°C. The ¢ to m phase transformation
on cooling with its accompanying volume expansion can lead to \ /
disintegration of the coating!?. In laboratory torch tests, regions of 0.60 |- \ / / &
optimal TBC lives were found to correlate with regions having high NONTRANSFORMABLE “/\ \
) TETRAGONAL (T") . _

amounts of the #’ phase, small but nonzero amounts of the m phase,
and little or no ¢ phase'">. . '

EB-PVD YSZ (7 wt.% Y,0,) was investigated in regard to EUBICﬂN \
phase transformation after annealing'. Free-standing YSZ was
heat-treated in air, for up to 200 h, in the temperature range 1200 0.20 / 4 12
~ 1400°C. For 6-8 wt.% EB-PVD YSZ, the equilibrium phase W
diagram'"® predicts a two-phase mixture, consisting of ¢ phase 0.00 Lo \ , ) :
containing 4 wt.% Y,0, and ¢ phase containing 16 wt.% Y,0,, 298 1000 1200 1400 1600
at the deposition temperature of ~1000°C. The ¢’ pha§e, however, AGING TEMPERATURE (°C)
forms due to the rapid quench in the process. Annealing for short
times (10 h at 1400°C and 30 h at 1300°C) and longer times at Fig. 8. Plot of the mole fraction of phases versus temperature
1200°C produced significant amount of m phase, reaching ~ 20 for a 100-h aging (Reprinted with permission of The American
mol% after 100 h at 1400°C. The proportion of ¢ phase increased Ceramic Society, copyright 1981, www.ceramics.org)
rapidly for all annealing conditions (1200 — 1400°C); at 1400°C,
the content of ¢ phase increased to ~55 mol% as soon as the Source: See Note 23.
temperature was reached and remained at that level up to 100 h. In
general, the transformation to the ¢ phase was more rapid than the
transformation to m phase.

Schultz et al. report that EB-PVD TBCs were stable up to 100
h at 1150°C, but transformed to a mixture of t+c+m phases after
annealing for 100 h at 1400°C!"'¢, A slower cooling rate increased the
amount of m phase at room temperature!!’. For instance, after 100 h
at 1371°C, the amount of m phase increased from < 10 mol% to > 30
mol% when slow furnace cooling was used instead of quenching.
Overall, the amount of m phase was in the same range for EB-PVD
and APS coatings when aged in a similar condition''®.
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Alternative Coating Materials
Zirconates

Rare earth zirconates are being explored as alternate TBC materials. Rare earth zirconates, M,Zr,0, (M = rare earth element),
crystallize in the ordered pyrochlore structure over a composition range!". At elevated temperatures and outside the composition range,
the disordered fluorite structure is the stable phase'*’. Maloney proposed the use of M,D,0, (M = Gd, La, Y; D = Hf, Ti, Zr) as TBCs,
while Suresh et al. independently proposed the use of a much broader family of compounds, where M represents all elements from the
lanthanide series (La to Yb)!2!.

The thermal conductivity of hot-pressed Gd,Zr,0., Nd,Zr,0., and Sm,Zr,O, was investigated at 25-700°C'*. The thermal
conductivity of Gd,Zr,0,, Nd,Zr,0, and Sm,Zr,0, at 700°C was 1.6, 1.6 and 1.5 W/m-K, respectively, which was about 30% lower than
the thermal conductivity of the reference YSZ (2.3 W/m-K). The decrease was attributed to phonon scattering by point defects. The two
types of point defects expected in these materials are substitutional rare-earth solute cations (Gd, Nd, and Sm) replacing zirconium and
the corresponding oxygen vacancies created by the substitution of tetravalent zirconium by trivalent rare-earth element'?. The scattering
strength of oxygen vacancies is larger than that of substitutional solutes, because of the missing anion mass and the missing interatomic
linkages associated with the vacancies. The lower thermal conductivity compared to YSZ was attributed to two factors'*: (i) higher
concentration of oxygen vacancies present, and (ii) more effective phonon scattering by solute cations as a result of the significant atomic
weight difference between the cations and zirconium.

Two perovskites (StZrO, and BaZrO,) and one pyrochlore (La,Zr,0.) were investigated as TBC candidates'”. Sintered SrZrO,
cracked ~600°C which was attributed to the volume change due to a phase transformation, making it unsuitable for a TBC. At 1000°C,
the thermal conductivity of sintered BaZrO, and La,Zr,O, was 3.4 and 1.6 W/m-K, respectively, while the thermal conductivity of
sintered YSZ was ~2.2 W/m-K. The Young’s modulus and hardness of sintered BaZrO, and La,Zr,O, were ~15% lower than those
of sintered YSZ, while the CTEs were slightly lower than that of YSZ up to 1400°C. Low Young’s modulus is beneficial to thermal
stresses, while low CTE is detrimental to thermal stresses. Plasma-sprayed La,Zr,O, performed better than BaZrO, in thermal cycling'*°.
However, the La,Zr, O, coating had a significantly shorter life than the YSZ coating, by roughly an order of magnitude in thermal cycling
at 1240-1360°C'*" . Layered or graded coatings with YSZ as the first ceramic coating of the TBC system and La,Zr,0, as the final topcoat
showed much improved performance, showing lives similar to YSZ'%.

Yttria-Stabilized HfO,

Replacing the Zr in YSZ with Hf can theoretically decrease the thermal conductivity by increasing the mean atomic weight. Plasma-
sprayed hafnia-yttria coatings (HfO,-8.4 wt.% Y ,0,, HfO,-11.4 wt.% Y ,,0,, HfO,-15.0 wt.% Y ,O,, HfO,- 27.2 wt.% Y ,0,) were evaluated
with respect to plasma-sprayed YSZ (6-9 wt.% Y,0,) in a burner rig'”®. The hafnia-yttria coatings were very sensitive to plasma-spray
parameters and high-quality coatings were obtained only when specific parameters were used. In contrast, YSZ coatings were in general
relatively insensitive to spray parameter variations. In contrast to zirconia-yttria compositions, the hafnia-yttria compositions with the
fully stabilized cubic phase (HfO,- 27.2 wt.% Y,0,) outperformed the partially stabilized compositions. The fully stabilized hafnia-yttria
performed about as well as the YSZ coating when sprayed with certain parameter sets. It is possible that the fully stabilized hafnia-
yttria may be more stable at higher temperatures (>1200°C) than the partially stabilized YSZ. The HfO,-27.2 wt.% Y0, also showed

significantly superior resistance to sintering compared to YSZ (8 wt.% Y,0,) after 15 h at 1400°C.

YAG

The thermal conductivity of dense, polycrystalline yttrium-based garnets in the temperature range 23 — 1000°C was investigated'*°.
The high-temperature thermal conductivity of these garnets was in the range 2.4 — 3.2 W/m-K, which is somewhat higher than the
thermal conductivity of dense YSZ (~2.4 W/m-K). It was demonstrated that the thermal conductivity of these garnets could be tailored
by forming substitutional solid solution alloys. The oxygen diffusivity of YAG is about 10 orders of magnitude lower than that in
zirconia, suggesting its potential as an alternative to zirconia in future TBCs for improved durability.

4.4.2-2d Failure Mechanisms of TBC

While there are several different ways in which TBCs can fail, the mechanisms of greatest concern are those that intimately involve
the growth of the TGO''. The failure is governed by a sequence of crack nucleation, propagation and coalescence events along the bond
coat/TGO or top coat/TGO interfaces'*. Figure 9 schematically illustrates the cracking sequence by growth misfit, followed by cooling
to ambient'*. Eventual failure occurs by either buckle, or edge-driven delamination'**, with a failure plane located at (or near) the
interface between the TBC and the bond coat. The life of specific system appears to correlate with the average thickness of the TGO'*.
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Fig. 9. Schematic illustration of the cracking sequence by growth misfit, followed by
cooling to ambient (Reprinted with permission of Elsevier, copyright 2000.)

Source: See Note 34.
APS

The separation that nucleates the failure sequence appears to be associated with imperfections at (or near) the interface between
the TBC and bond coat'**. The most prominent are undulations in the original bond coat surface. The trajectory of the delamination
that causes final failure resides primarily within the TBC itself and connects the peaks of the undulations. Rabiei & Evans suggest the
following failure mechanism'¥’. The sources of stress are those formed upon TGO growth, followed by the changes that happen because
of thermal expansion misfit on cooling to ambient. The zones that experience out-of-plane tensile stress are most important, since these
are the stresses responsible for nucleating and propagating cracks along delamination planes in the system. See Figure 9 for the cracking
sequence. Radial cracks form in the TBC as the TGO thickens because of the out-of-plane stress in the TBC normal to the interface. The
TBC cracks do not penetrate to TGO because the interface between the TGO and bond coat is in compression. On cooling to ambient,
the CTE misfit causes appreciable tension to develop normal to the interface between the TGO and bond coat and this interface separates.
The coalescence of this separation with the radial cracks in the TBC, by rupturing the intervening TGO, is a key event. Once coalescence
happens, the energy density available in the TGO attached to the upper portion of the crack becomes available for outward growth of the

crack in the TBC.
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EB-PVD

The most crucial constituents for the failure of EB-PVD TBC are'®: (i) Imperfections in the TGO affect the TBC life; (ii) The
failure occurs by large scale buckling (LSB), subject to the development of large separated domains at the interface. Life is governed
by the evolution of these separations up to the critical size needed for LSB; (iii) The adhesion of the TGO/bond coat interface degrades
upon thermal exposure, both because of embrittlement by segregants and the growth of separations around the imperfections in the
TGO. Mumm and Evans suggest the following mechanism'’. As the TGO thickens with extended elevated temperature exposure,
imperfections develop and enlarge. Accordingly, the ambient temperature energy release rate around the imperfections becomes larger
the longer the exposure. There may be simultaneous, time-dependent embrittlement of the TGO/bond coat interface, perhaps by S
segregation. When the imperfections become large enough, interface separations nucleate in their vicinity. An appreciable energy release
rate develops only on cooling, caused by the CTE misfit between the TGO and the superalloy. Separations should from only on cooling.
After longer exposures, when the imperfections further enlarge, it is surmised that some of the separations coalesce. The trajectory of
the delamination primarily occurs at the TGO/bond coat interface.

4.4.2-3a Coatings for Ceramic Components

Key requirements for a successful EBC include'*: i) environmental stability, especially in water vapor; ii) coefficient of thermal

expansion (CTE) match; iii) chemical compatibility; and iv) phase stability. It is also desirable to have a low thermal conductivity for
maximum thermal insulation capability. Table I compares the CTE of SiC, Si,N,, and current EBC materials'*'. Note the good CTE
match between Si-based ceramics and EBC materials .

Table I. CTE of Si-based ceramics and current EBC materials

Material SiC SiN, [Si Mullite* | BSAS** | Y.SiO. | S¢.SiO. | Er.SiO. | Yb.SiO.
CTE (10- 3.5~
) 45~55 [3~4 |37 |5~6 4~5 5~6 |5~6 |7~8 |[7~8

*3A1,0,25i0,
*# | -xBaO-xSrO-ALO,28i0,, 0 <x < 1

Source: See Note 141.
Table II lists the thermal conductivity of hot-pressed EBC materials determined by a high heat flux laser rig at 200°C - 1400°C**2. Mullite

(3A1,0,-28i0,) and BSAS (1-xBaO-xSrO-Al,0,-2Si0,, 0 < x < 1) have thermal conductivities similar to that of YSZ (8 wt.% Y,0,),
while rare earth monosilicates, except for Sc,SiO,, have lower thermal conductivities than YSZ.

Table Il. Thermal conductivity of hot-pressed current EBC materials at 200°C - 1400°C determined by a high heat flux laser rig

Mullite

Material YSZ Mullite BSAS LBSAS Y,SiO, Sc¢,Si0, | Yb,SiO, | Er,SiO,
Thermal

conductivity 22~29 122~28 |25~30(20~23(1.6~19 |[23~35 [13~14|14~15
(W/m-k)

Source: See Note 142.

Current EBCs have multi layers designed in such a way that the system satisfies all the key requirements for a successful EBC. They
consist of a silicon bond coat and a ceramic top coat. The ceramic top coat typically comprises at least two ceramic layers. The bond
coat facilitates the adherence of the ceramic top coat to the substrate and the ceramic top coat provides protection from water vapor and
thermal insulation.

4.4.2-3b Processing

APS is the most successful and widely used process to apply EBCs!*2. With EB-PVD process, the low vapor pressure of silica
compared to alumina and rare earth oxides makes it difficult to produce coatings with the desired stoichiometry. Other coating processes
being explored include chemical vapor deposition (CVD)', sol-gel, and slurry coatings'*, which have the benefit of being none-line-
of-sight processes.
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4.4.2-3c Testing

The key component in EBC testing is water vapor. Laboratory scale high steam rigs!*® are used to simulate the high water vapor
pressure, while high pressure/high velocity burner rigs'* are used to simulate both the high water vapor pressure and high gas velocity.
A low gas velocity (a few cm/sec) is typically employed in laboratory scale high steam rigs due to the simplicity. Since water vapor is
the most critical factor that affects the performance of EBCs, this test is suitable for the initial screening of EBC candidates and for the
evaluation of long-term EBC performance. The high pressure/high velocity burner rig test is suitable for proof tests of mature EBCs and
for subcomponent tests since it closely simulates actual gas turbine environments. Burner rigs can be set up to generate a temperature
gradient through the EBC, simulating the temperature profile of cooled components. Laser rigs are used for thermal conductivity
measurements as well as for the evaluation of EBC performance under a temperature gradient!*’.

4.4.2-3d Bond Coat

Silicon is the current bond coat. It provides excellent durability to EBC by facilitating adherence to the ceramic top coat and the
oxidation resistance!“®. The excellent performance of Si bond coat is attributed to its close CTE match with Si-based ceramics, oxidation
resistance due to the formation of slow-growing silica scale and chemical compatibility with the substrate and the ceramic top coat. The
use of silicon bond coat is limited by its melting point (~1416°C). For higher temperature applications where Si bond coat melts, the next
ceramic layer, such as a mullite-based coating, becomes the bond coat. The life of EBC is significantly reduced without Si bond coat.

4.4.2-3e Top Coat

Current top coat can be divided into two groups, i.e. top coat with a mullite-based layer and top coat without a mullite-based layer.
Table III lists the current top coats.

Table lll. List of current top coats

With a mullite-based layer Without a mullite-based layer
mullite
mullite + BSAS %SEASSO *
mullite or mullite + BSAS / YSZ RESI O
mullite or mullite + BSAS / BSAS 22
Ta,O,

mullite or mullite + BSAS / REZSiO5 or REZSiZO7*

* RE: rare earth element

Top Coat with a Mullite-Based Layer

Mullite has attracted the most interest as a protective coating for Si-based ceramics because of its good CTE match and chemical
compatibility with SiC and Si,N, ceramics'”. With the emergence of Si bond coat, mullite and mullite-based coatings became an
intermediate layer bridging the Si bond coat and the water vapor-resistant top layer'*®. Key functions of mullite-based coatings when
used as an intermediate coat in current EBCs include chemical compatibility, strain tolerance, and barrier to water vapor transport.

Mullite and Mullite+BSAS

Conventionally plasma-sprayed mullite coatings contain a significant amount of metastable amorphous phase due to the rapid
cooling of molten mullite during the solidification on a cold substrate'>'. A subsequent exposure of the mullite coating to a temperature
above ~1000°C causes the crystallization of the amorphous phase. Shrinkage accompanies the crystallization, leading to cracking
and delamination of the mullite coating. A modified plasma-spraying process enables the deposition of crystalline mullite coating,
dramatically improving the crack resistance and adherence'*?. Plasma-sprayed mullite coating on SiC remained virtually intact at the
mullite/SiC interface as well as on the mullite surface after a 50-h exposure in a high pressure (6 atm) hot corrosion rig containing
Na,SO,'”. CVD mullite also displayed little evidence of damage in Na,SO, environments'**. Further improvement in the crack
resistance of plasma-sprayed mullite coatings is achieved by adding a second phase (BSAS)'*. The improved crack resistance of the
mullite+tBSAS composite coating is attributed to the reduced coating tensile stress due to the low modulus BSAS phase'*®.
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Mullite/YSZ

The relatively high silica activity of mullite (0.3 ~ 0.4) causes the selective volatilization of silica and the recession of mullite in
high velocity combustion environments'¥’. Therefore, a water-vapor resistant overlay coating is needed on top of the mullite coating,
to provide the stability in water vapor. YSZ is a logical candidate for a top coat because it has been successfully used as a TBC for
superalloy components in gas turbine engines, signifying its stability in water vapor. The mullite/YSZ system is an effective EBC for
short term exposures. One critical disadvantage of YSZ is the high CTE and
sintering. The stresses due to the CTE mismatch and sintering cause severe
cracking. These cracks provide easy paths for water vapor penetration, resulting
in rapid oxidation and premature coating delamination',

Mullite/BSAS and Mullite+BSAS/BSAS

BSAS is a top coat material developed in the NASA’s High Speed Research-
Enabling Propulsions Materials (HSR-EPM) program in joint research by
NASA, General Electric, and Pratt and Whitney'®. It has the key attributes for
a successful EBC, such as a low silica activity, a low CTE, and a low modulus
(~100 GPa for dense BSAS). The low silica activity provides stability in water
vapor, while the low CTE and low modulus provide low thermal stresses. The
EPM EBCs exhibit dramatically improved durability compared to the mullite/
YSZ EBC. Figure 10 shows plasma-sprayed Si/mullite+20 wt.% BSAS/
BSAS on SiC/SiC composite after 1000 h at 1316°C (1-h cycles) in 90% H,O-  Fig. 10. Plasma-sprayed Si/mullite+20 wt.% BSAS/
balance O,'®. The EBC maintained excellent adherence and crack resistance. BSAS on a SiC/SiC composite coupon after 1000 h
Pockets of glasses developed within the BSAS top coat. The EPM EBC was 2t 1316°C (1-h cycles) in 90% H2O-balance O2 (Re-
applied on SiC/SiC composite combustor liners in Solar Turbines (San Diego, printed with permission of Elsevier, copyright 2005)
CA) Centaur 50s gas turbine engines under DOE Ceramic Stationary Gas
Turbines (CSGT) Program'é'. One engine used by Texaco in Bakersfield, CA,
successfully completed a 14,000-h field test (~1,250°C maximum combustor
liner temperature). The higher operating temperature resulted in emissions
consistently below 15 ppmv nitrogen oxides (NOx) and below 10 ppmv carbon
monoxide (CO) throughout, roughly reducing the NOx and CO loads on the
environment by factors of about 2 and 5, respectively.

The EPM EBCs have some durability issues that limit their upper use
temperature and life'®2. One key issue is the volatilization of the BSAS top
coat in high velocity combustion environments. A projection based on a silica
volatility model in conjunction with BSAS volatility data indicates a BSAS
recession of ~70 um after 1000 h at 1400°C, 6 atm total pressure and 24 m/s
gas velocity. Actual gas turbines operate at significantly higher pressures and : o
gas velocities, which increases the projected recession to much higher levels. . : - % :

The EBC in Solar Turbines engines suffered significant BSAS recession in m
some areas after the 14,000-h test'. Another key issue is the chemical reaction . . ) )
between BSAS and the thermally grown silica on Si bond coat. The BSAS-silica F'_g' . Plas.ma-sprayed Si/mullite/Yb2SiO5 on S'C,/

. . o . SiC composite after 1000 h at 1380°C (1-h cycles) in

reaction produces a low-melting (~1300°C) glass that causes EBC degradation N ) . C

. 90% H20-balance O2. (Reprinted with permission of
gnd a premature failure at temperatur.e.s above .~1300°C. The p<.)cl.<ets of glasses ASM International, All rights reserved, www.asminter-
in Figure 10 are due to the BSAS-silica reaction. Therefore, it is desirable to national.org)
avoid the BSAS second phase in the mullite layer for applications requiring
long-term exposures at temperatures above 1300°C ~ 1350°C. Source: See Note 142.

Source: See Note 141.

Mullite/RE,SiO (or RE,Si,0 ) and Mullite+BSAS/RE,SiO_(or RE,Si,0)

Some rare earth silicates have a low CTE, phase stability, and a low silica activity, making them excellent EBC top coat materials'®,
Volatility data'® and thermodynamic calculations'* indicate that rare earth monosilicates (RE,SiO; RE = rare earth element) are
significantly less volatile than BSAS in water vapor, at least by an order of magnitude, while the volatilities of rare earth disilicates
(RE,Si,0,) are similar to that of BSAS. Disilicates of Y, Yb, and Lu exposed to a high velocity and high steam environment at 1450°C ~
1500°C gradually decomposed to Y,SiO,, Yb,SiO,, and Lu,SiO,, respectively, indicating the selective volatilization of silica'’.

Figures 11 and 12 show plasma-sprayed Si/mullite/Yb,SiO, on SiC/SiC composite (1000 h) and on Si N, (400 h) at 1380°C (1-h
cycles) in 90% H,O-balance O,'®. The EBC maintained superb adherence and crack resistance on both substrates. In contrast, plasma-
sprayed Si/mullite/YSZ on Si,N, suffered severe cracking and delamination after 280 h at 1380°C (1-h cycles) in 90% H,O-balance O,
(Figure 13)'%. This demonstrates the detrimental effect of a large CTE mismatch between EBC and substrate. Figure 14 shows plasma-
sprayed Si/mullite/Yb,SiO, on SiC/SiC composite after 100 h in a high pressure/high velocity burner rig (1400°C, 100 h, 6 atm, gas
velocity =24 m/s)'. Note the excellent adherence, crack resistance, and oxidation resistance of the rare earth silicate EBC in a simulated
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Top Coat without a Mullite-Based Layer

BSAS and RE SiO, possess key properties desirable for a successful EBC, such
as low CTE, low silica volatility, and phase stability'. Ta,O, has a low CTE, but
relatively high volatility in water vapor, higher than the volatility of BSAS by an order
of magnitude'”!, and a phase transformation at ~ 1370°C. The performance of these
materials without a mullite-based intermediate layer was investigated.

BSAS

BSAS is reactive with silica, thermally grown on SiC or Si,N,, forming a low
melting eutectic (mp ~ 1300°C). The chemical reaction causes the build-up of a
thick reaction zone and porosity at the BSAS/substrate interface. Plasma-sprayed
BSAS-coated SiC/SiC composite after 100 h (2-h cycles) at 1300°C in 90% H,O
- balance O, developed a thick (~20 um) reaction zone and large pores at the BSAS/
substrate interface!’>. Pores are attributed to the bubbling of gaseous species through
the low viscosity eutectic glass. In long-term exposures, the pores continue to grow
and coalesce, leading to complete coating spallation. The low viscosity reaction zone
can lead to the EBC spallation under a high shear stress. Similar behavior is observed

in the presence of Si bond coat.
RE SiO, RE Si,0, and Ta,0

Plasma-sprayed RE,SiO,'” and Ta,O.-based'* EBCs showed good adherence
on Si-based ceramics under thermal exposures in air. However, these coatings on
SiC/SiC composite did not maintain the adherence in water vapor environments'”.
Consequently, the substrate suffered rapid oxidation, forming thick and porous scale.
A premature EBC spallation occurred along the scale since the thick scale constituted
a weak mechanical link. Possible explanations for the rapid oxidation include lack
of chemical bonding and EBC cracking under thermal cycling. Both can provide
an easy access for water vapor into the interface. The fact that the Si/mullite EBC
shows far superior oxidation resistance and longer life, although mullite develops
similar cracks, suggests that inadequate chemical bonding may be responsible for
the lack of oxidation resistance. Other low CTE rare earth monosilicates, such as
Y,SiO,, Er,SiO,, Sc,SiO, and Lu,SiO, exhibited similar poor oxidation resistance'”.
CVD Ta,0O, was unstable in an environment containing Na,SO,, rapidly reacting to
form NaTaO, which subsequently interacted destructively with the underlying Si,N,
substrate to form a molten phase'”’. Rare earth disilicates (RE,Si,O.) were applied
on Si,N, ceramics by a slurry process followed by sintering'”®. Short-term exposures
at relatively low temperatures showed promising results, indicating their merits for
further research.

4.4.2-4 Conclusions

Thermal barrier coatings for superalloys and environmental barrier coatings for
ceramic matrix composites are important technologies to achieve higher gas turbine
inlet temperatures.

In thermal barrier coatings, stresses play the major role in coating failure, which
are influenced by various factors such as bond coat oxidation, bond coat surface
roughening, YSZ phase transformation, and YSZ sintering. Current approaches for
improvements include adding reactive element (RE) or precious metals in the bond

; LR I O _ \
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Si,N,

Fig. 12. Plasma-sprayed Si/mullite/Yb2SiO5
on Si3N4 after 400 h at 1380°C (1-h cycles) in
90% H20-balance O2. (Reprinted with permis-
sion of Elsevier, copyright 2005.)

Source: See Note 141.

Fig. 13. Plasma-sprayed Si/mullite/YSZ on

Si3N4 after 280 h at 1380°C (1-h cycles) in
90% H20-balance O2.

Source: See Note 169.
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Fig. 14. Plasma-sprayed Si/mullite/Yb2SiO5 on
a SiC/SiC composite after 100 h in a high pres-
sure/high velocity burner rig (1400°C, 100 h, 6
atm, gas velocity = 24 m/s).

Source: See Note 169.

coat for enhanced oxidation resistance, and alternative oxide stabilizers for ZrO, and alternative materials to ZrO, for enhanced phase
stability and sinter resistance. Thermal conductivity is another key element for the TBC performance. A lower thermal conductivity TBC
lowers the substrate temperature and/or reduces the TBC thickness, which improves the performance and life of gas turbine components.
Key future research areas include the development of new bond coat alloy compositions resistant to surface imperfections and the
development of low thermal conductivity TBC, without compromising the quality of TGO and TBC life.

In environmental barrier coatings, chemical reactions, rather than stresses, appear to play the major role in the coating degradation.
Key life-limiting reactions are water vapor volatility of the surface layer, chemical reactions between various EBC layers, including

silica TGO, and the oxidation of silicon bond coat. Therefore, it is important to design EBC in such a way to minimize these chemical 432
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reactions. The selection of an EBC for a particular system depends on application requirements, such as the EBC surface temperature,
the substrate temperature, and the life goal. Alternative top layer materials to BSAS are being investigated for applications at T>1300°C.
Rare earth silicates have shown promising results, while ZrO,- and HfO,-based materials require further research to alleviate the thermal
expansion mismatch stress.

As advanced gas turbines rely on these coatings for environmental/thermal protection, life models to predict the remaining coating
life and non-destructive technologies to monitor the coating’s health are important future research areas.
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